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SUMMARY 

Particle dissolution, grain growth, and precipitation were studied 
under creep conditions in overaged alloys of aluminum with 1, 2, 3, and 
4 percent copper. Particle dissolution, with or without stress, is 
described by the same kinetic equation that applies to tempering and 
other phase transformations. The activation energy for dissolution in 
3-percent-copper alloys decreases from 70 kcal/mol without stress to 
40 kcal/mol for a stress of 200 psi. Relative activation energies for 
particle dissolution and grain growth coincide closely, suggesting that 
both are governed by the same process. At a constant stress, the volume 
of precipitate depends only on the strain, independent of the times or 
temperatures involved. Grain growth, with and without stress, obeys 
the equation offered by Beck. A retardation of growth rates in alloys 
with 2 percent copper is believed to be related to a retardation in 
rate of age hardening and an increased creep resistance found previously 
in the same alloys. 
lated grain sizes is obtained with Zener's expression relating particle 
size to grain size. 

A good correspondence between measured and calcu- 

INTRODUCTION 

Most theories of particle hardening in alloys assume the presence 
of W d ,  spherical particles of uniform size, randomly distributed 
throughout a softer matrix. A more realistic picture would take into 
account particles with other than spherical shape, a size distribution 
of particles, preferred locations where particle density is high, and 
particles that deform to some extent under load. The complexities 
attendant to such a detailed consideration are truly prohibitive, but 
by the proper choice of model, which would take into account the impor- 
tant features of the process, significant simplification may be attained. 

. 
i 

Before these more realistic theories can be developed, however, it 
is necessary to have some background of experimental fact, especially 
under high-temperature conditions. The problem encountered with 
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high-temperature deformation is that additional variables are introduced 
which must also be considered. Paramount in this regard is the enhanced 
rate of diffusion, to which may be traced almost all of the instabilities 
of a stressed metal or alloy. Recovery and recrystallization, grain 
growth, particle dissolution and stress-induced precipitation, polygo- 
nization and formation of subgrains, equilibrium or nonequilibrium 
solute segregation, phase transformations, void formation - these and 
other processes may be operative in a stressed metal at high temperatures. 

The research described herein represents an attempt to isolate and 
study quantitatively, whenever possible, some of these more important 
instability processes. 
and without an applied stress, have been given primary emphasis in this 
phase of the study. 
on inducing additional precipitation, frequently in amounts beyond that 
predicted by the phase diagram. 
is to relate the effects of the individual processes to the case where 
all are operating simultaneously. 
understand those factors which are of primary importance in defining 
the strength of particulate alloys at elevated temperatures. 

Grain growth and particle dissolution, both with 

Some attention has been paid to the effect of stress 

The ultimate goal of this investigation 

In this vay, it is hoped to better 

This investigation was conducted at the Battelle Memorial Institute 
under the sponsorship and with the financial assistance of the National 
Advisory Committee for Aeronautics. The assistance of Mr. R. D. Smith 
was of great help throughout the entire investigation. Thanks are also 
due M r .  John Schroeder for the X-ray results, and M r .  L. L. Marsh for 
discussion of the data. 

Many reviews and articles on the strength of particulate alloys 
are available in the literature (ref. 1). The theories and experimental 
work pertinent to this investigation have been reviewed in reference 2 
and the discussion will not be repeated here; however, the main findings 
from the previous investigations leading up to the work reported herein 
will be described briefly. 

In 1935, the interrelation of creep and age hardening was investi- 
It was found that the amount gated in aluminum-copper alloys (ref. 3 ) .  

of precipitation induced by aging during creep was about 2 to 3 times 
greater than that occurring in unstressed alloys. 
supporting the existence of this small-particle effect was found in the 
literature and from such diverse sources as X-ray measurements, photo- 
micrographs, dilatometer measurements, and other quantitative metallo- 
graphic studies. 
small initial precipitate had less than the expected solute concentration. 

Abundant evidence 

To explain this result, it was suggested that the 
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The effects of creep stress on the aging rate were also investigated. 
The time to maximum hardness was decreased by increased stress, but the 
maximum hardness occurred at the same strain, regardless of the magnitude 
of the stress. Furthermore, the level of the hardness curves varied 
directly with the stress, as did the' tensile flow stress of crept alloys. 
The emergence of the strain, rather than the aging time, as the primary 
variable was demonstrated clearly. Other results to be described in this 
report also substantiate the latter finding. 

Some interesting and unusual aspects of high-temperature behavior 
were revealed by so-called "contour" plots. Lines of equal value of 
some property are superimposed on the appropriate portion of the phase 
diagram, revealing their variation with composition and temperature. 
Contours of equal time to maximum hardness were constructed from aging 
data over a composition range of 1 to 4 percent copper and a temperature 
range that included the two-phase region. Two noteworthy facts emerged: 
(1) The curve of maximum rate of age hardening runs parallel to and 
about TO0 C below the solvus boundary, and (2) a region of retarded rate 
of age hardening occurs near the 2-percent-copper compositions at about 
300° C. 
was found that the creep resistance increased appreciably in 2-percent- 
copper alloys at 30O0 C. In another system where diffusion data were 
available, the region of retardation was found to coincide with a greatly 
reduced rate of diffusion. Thus, the temperature and composition range 
which is associated with a relative increase in creep resistance can be 
found from simple aging curves. 

This region of retardation is of especial interest because it 

The relative creep resistance of single- and two-phase alloys were 
compared over a wide range of temperatures and stresses. The curve for 
single-phase alloys was extrapolated into the two-phase region by means 
of a temperature-minimum creep rate parameter. 
intermediate stresses, the two-phase alloys were stronger than the single- 
phase alloys of the same overall composition; however, at the extremes 
of temperature and stress, the single-phase alloys tended to become 
stronger. This prediction has received experimental verification from 
reports in the literature. The conclusion was reached that matrix 
strengthening contributes appreciably to the overall strength of the 
alloy. 

It was found that at the 

The two-phase alloys described above were initially single-phase, 
then aged during creep. 
with aluminum-copper alloys in which the precipitate particles were pres- 
ent before the creep test. By special heat treatments large spherical 
particles or large platelike particles were formed, and such character- 
istics as volume fraction, spacing, average radius, etc., were deter- 
mined by quantitative metallographic means. In this way the effects of 
controlled particle sizes and shapes on creep and tensile strengths 
could be studied over a wide range of particle spacings. 

The research programmed for 1956 (ref. 2) dealt 
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To actually assign a strengthening value to the different types of 
particles, a scheme was devised whereby the particle strengthening could 
be separated from the solid-solution strengthening. The strength of the 
alloy was considered to consist of essentially two main parts, that due 
to the matrix solid solution, and that due to the particle effects. By 
subtracting the matrix strength (determined from X-ray measurements of 
the matrix composition, and from single-phase strength curves) from the 
overall measured strength, the remainder could be ascribed to particle 
strengthening. 

Curves of particle strengthening versus spacing were constructed 
for alloys with spherical and with platelike particles. 
were strikingly different. For spherical particles, the particle- 
strengthening increment first decreased with increasing spacing to a 
critical spacing of about 50 microns. 
ening increment rose, then tended to zero as infinitely large spacings 
were approached. For the platelets the particle strengthening rose 
directly with spacing, reached a maximum near 15 microns, then tapered 
off to zero. Greater strengthening appeared to be realizable with 
platelets than with spheres. 

The curves 

At larger spacings the strength- 

The curves obtained at room temperature with tensile tests were 
closely similar to those obtained with elevated-temperature creep tests. 
This observation is important because profuse stress-induced precipita- 
tion occurred during the high-temperature creep test, but not during 
the room-temperature tensile test. Thus, it was concluded that the 
effect of the initial particle distribution is apparently quite 
persistent. 

The increase in strengthening with wider spacings may be due to 
an optimum interaction between particles and substructure boundaries 
which act similarly to precipitate particles in obstructing slip. 
Although the strengthening effect of grain and subgrain boundaries has 
been demonstrated before in other alloys, the evidence for these 
aluminum-copper alloys was not too conclusive. This is an important 
point and merits further investigation. 

The relative strengthening of alloys with a small particle spacing 
versus those with a large spacing (less than 50 microns) were investi- 
gated over a range of stresses and temperatures. A reversal in strength 
was noted for the alloys in the intermediate stress range, whereby the 
alloy with coarser spacing became stronger. Of course, at room tempera- 
ture (high stresses) the alloy with finer spacing was stronger. Also, 
at high temperatures (low stresses) the finer spacing appeared to give 
the higher strength. These findings corroborated the evidence previously 
submitted by Dorn and co-workers for aluminum-copper alloys with spheri- 
cal particles. The alloys with platelets followed the same scheme, 
except that the reversals appeared to occur at slightly different 
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s t resses .  The reasons underlying t h i s  behavior must be c l a r i f i ed  com- 
pletely before a sound theory of par t ic le  strengthening can be developed 
fo r  high-temperature deformation. 

The extension of these two years of research led t o  the present 
program, i n  which further work wi th  particulate alloys was pursued. In  
par t icular ,  the e f fec ts  of an applied s t r e s s  on pa r t i c l e  &issolution, 
grain growth, and precipitation were studied. These processes a re  only 
a few of the in s t ab i l i t i e s  occurring i n  an al loy during creep. No the- 
or ies  of pa r t i c l e  strengthening allow for  such t ransient  phenomena; 
furthermore, very l i t t l e  i s  known about the unstable prokesses i n  a 
quantitative way. 
processes suff ic ient ly  t o  permit an understanding of the more complex 
case when a l l  variables operate simultaneously during creep. 

It i s  hoped t o  augment the knowledge of the isolated 

EQUIPMENT AND EXPERIMENTAI, PROCEDURES . 
c Preparation of Specimens 

Four alloys of 1, 2, 3, and 4 weight percent copper were prepared 
from 99.996 percent aluminum and 99.999 percent copper. The de ta i l s  of 
melting and fabrication have been recorded i n  references 2 and 3 .  
trographic and chemical analyses are l i s t e d  i n  table I f o r  the four 
sections of each ingot. 

Spec- 

The bulk of the creep and tensi le  tes t ing  was performed on f l a t  
t ens i l e  specimens 2 - 11 inches long, - 9 inch wide (at  the shoulder) and 

16 16 
inch thick.  The gage sections were 0.250 inch wide and 1 inch long. 

8 
Other t e s t s  u t i l i zed  specimens of the same dimehsions as above, except 
the thickness was 0.090 inch. 

Tensile specimens were heat-treated i n  salt pots t o  various i n i t i a l  
grain s izes .  In order t o  get a very f ine  i n i t i a l  grain size,  an addi- 
t iona l  cold reduction and a lower recrys ta l l iza t ion  temperature w a s  
necessary. Details a re  given i n  table  11. 

Other specimens were overaged fo r  4 t o  6 days at temperatures 
where aging occurs most rapidly. 
dissolved away a t  temperatures Ts jus t  within the single-phase f ie ld .  
These temperatures are  as follows: 

Tc 
Later, the par t ic ies  were pa r t i a l ly  
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Compos i t ion, 
4 weight percent, Cu - - 3 - 2 - 1 

T,( C )  300 351 390 4 20 

T S W  370 415 470 510 

After heat treatment the specimens were electropolished i n  a 
glacial  ace t ic  acid and perchloric acid solution. 
sions were placed 1 inch apart  on the gage section t o  f a c i l i t a t e  s t r a i n  
measurements during creep. 

Knoop indentor impres- 

Creep Measurements 

The creep equipment w a s  housed i n  a constant-temperature room at  
26 f 1' C .  
and the temperature variation along the specimen was held t o  within 

The furnace temperatures could be controlled within f2' C, 

W 
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Direct loading w a s  used almost exclusively, and the applied load 
Creep elongation w a s  measured opti-  w a s  determined within 0.1 pound. 

cal ly  from outside the furnace with a sens i t iv i ty  of about 70 microinches. 

For a typical  grain growth run under s t ress ,  perhaps s i x  specimens 
would be used . '  A creep run las t ing,  say, 100 minutes would be made, 
then the load would be released and the specimen quenched in to  a water 
bath. Another specimen would then be crept under the same conditions 
to ,  say, 80 minutes, then quenched. Additional specimens might then 
be crept f o r  60, 40, 20, and 10 minutes. 
specimens for  metallographic inspection t o  determine the g r a i n .  growth 
curve under stress. 
men t o  reach the desired temperature a f t e r  the load w a s  applied so the 
shorter times under stress were avoided as much as possible.  
are  presented i n  table 111. 

This procedure would give s i x  

Approximately 8 minutes were required fo r  the speci- 

Creep data 

Tensile Tests 

Room-temperature tens i le  t e s t s  were conducted a t  a s t r a i n  rate of 
about 3.18 percent per minute. 
adaptors and gripped a t  the shoulders, with the load being applied 
through a 9:l lever arm. 
r ing gage and the s t r a i n  w a s  read from a d i a l  gage, which could be read 
t o  0.0001 inch, attached t o  the upper extension arm. 
usually discontinued shortly a f t e r  the maximum load w a s  detected. Ten- 
s i le  data are recorded i n  table  IV. 

The specimens were held by yoke and pin 

The stress w a s  determined from a calibrated 

The tests were 
. 
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X-ray Data 
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An X-ray diffraction examination was performed on filings from 
samples heat-treated to the desired condition. To avoid changes in the 
alloy, the filings could not be annealed prior to the X-ray exposure. 
Thus, some line broadening due to strains introduced by filing could 
not be avoided. 

Lattice parameters were determined graphically from photographs 
obtained in a 114.59-mm Debye-Scherrer camera using unfiltered copper 
radiation. An estimate of the accuracy of the determinations is 
included in the summary of the X-ray data given in table V. 

Quantitative Metallography 

The volume fraction of precipitate particles was measured under the 
microscope by means of lineal analysis, using a Hurlbut counter. 
particle spacings were obtained concurrently by registering the number 
of particles intersecting random straight lines (many traverses) of 
known length. 

The 

Very fine precipitate, such as obtained during creep at elevated 

In this case, point counting 
temperatures, was photographed at random, then a square grid of 20 lines 
per inch was superimposed on the print. 
from photographs gave the volume fraction of the precipitate. 

Grain sizes were measured from polished and etched, mounted speci- 
mens. The number of grain boundaries intersected by random straight 
lines (many traverses) of known length gave the mean diameter of the 
grains. These values can then be converted into the corresponding 
ASTM number by means of the table given on page 403 of reference 4, if 
desired. Grain size and particle data are assembled in tables VI to XI. 

EXPERIMENTAL RESULTS AND DISCUSSION 

General 

Figure 1 sketches the aluminum-rich portion of the aluminum-copper 
phase diagram with which we are concerned. 
indicate the temperatures and compositions where experimental work was 
performed . 

The various marked locations 



8 

This investigation may conveniently be divided into three main 
parts. They are: 

4 

(1) Particle dissolution. The crosses in the single-phase region 
show where overaged alloys were held for various lengths of time to 
(a) Give a sequence of particle spacings, and (b) study particle dis- 
solution, with and without an applied stress. Overaging was conducted 
at locations marked by triangles which represent temperatures where 
aging proceeds most rapidly. 

(2) Grain growth. High-temperature, single-phase grain growth was w 
studied both with and without an applied 
by circles; the numbers to the left indicate stresses in psi. 

stress. Locations are marked 1 
1 
9 

(3) Two-phase creep. The solid square marks the temperature where 
overaged 3-percent-copper alloys were crept at 2,400 psi. Later, sev- 
eral specimens, interrupted successively from the creep run, were sub- 
jected to a detailed examination for grain growth, particle dissolution, 
and stress-induced precipitation. 

Further details will be supplied in the discussions of these three 
main sections. 

Part i cle D i  s solution 

Particle dissolution without applied stress.- Precipitate particles 
were produced in aluminum alloys with 2, 3, and 4 percent copper by 
overaging at the critical temperatures recorded previously and indicated 
in figure 1. The results obtained with the 3-percent-copper alloy are 
shown in figure 2, in which the volume fraction of precipitate is plotted 
as a function of dissolution time at the temperatures noted. 
logarithmic plot is employed to indicate the approximate linearity 
obtained with the data for 500° C. 

A semi- 

It will be noted that very small amounts of precipitate are involved 
at the higher temperatures or longer times. Thus, small deviations from 
sample to sample appear to give sizeable scatter. Actually, on a linear 
plot the points adhere rather closely to the best line. 
to take into account here is the rapid drop in percent precipitate, even 
at times as short as one minute. Other runs at lower temperatures would 
be desirable to better chart the compleke particle dissolution versus 
time curve. However, it is believed that adherence to the customary 
sigmoidal-shaped curve (ref. 5) was obtained because the data conform 
well to a kinetic analysis based on such a reaction curve. 

Another point 
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The data for  dissolution of par t ic les  with time adhere adequately 
t o  an equation of the form 

y = 1 -exp(-t/k)n (1) 

where y i s  the fract ion dissolved i n  time t, k i s  a temperature- 
dependent r a t e  constant, and n i s  a constant. This type of equation 
has been applied successfully t o  many kinds of transformations t h a t  
occur i n  metall ic systems ( r e f s .  3, 6, 7, and 8). 

Results obtained by plot t ing the l inear  form of equation (1) 

versus l o g  t are  given i n  figure 3. The data 

points appear t o  f a l l  f a i r l y  well along a straight l i ne ,  except fo r  one 
bad point obtained a t  540° C, which a l so  shows up i n  figure 2.  
of the type employed i n  figure 3 is  a sensit ive test of the accuracy of 
the or iginal  data.  Similar curves were obtained for  dissolution of 
pa r t i c l e s  i n  alloys with 2 and 4 percent copper. The r e su l t s  obtained 
w i t h  an applied s t r e s s  w i l l  be discussed l a t e r .  In cases where equa- 
t i on  (1) applies t o  nucleation and growth processes ( ref .  a), the con- 
s t an t s  can be interpreted i n  terms of detailed mechanisms. Here, for  
pa r t i c l e  dissolution the adherence of the data t o  equation (1) implies 
t ha t  the reverse process of disappearance and shrinkage of par t ic les  
could a l so  be analyzed similarly.  However, the data are not extensive 
enough t o  Jus t i fy  these fur ther  calculations. 

( '> 1 - Y  ) i . e . ,  log(log 

A plo t  

The curves of figure 2 were analyzed for  the act ivat ion energy 
required for  par t ic le  dissolution in  3-percent-copper a l loys.  
required for  92 and 96 percent dissolution, a t  temperatures of 3000, 
$00, and 370' C, yielded an activation energy of about 70 kcal/mol. 
T h i s  value i s  close t o  tha t  obtained for  grain growth'in aluminum, and 
fur ther  comments w i l l  be made i n  the section on "Activation Energies." 

The t i m e s  

The e f fec t  of temperature on the mean par t ic le  spacing curves of 
3-percent-copper alloys i s  compared i n  figure 4 .  A s  dissolution pro- 
ceeds, the spacings should get larger and ultimately approach in f in i ty  
as  the single-phase condition i s  reached. However, a t  the lower tem- 
peratures, the spacings hold relat ively constant because the larger 
par t ic les  are  quite pers is tent .  In fac t ,  they even become larger tem- 
porarily,  due t o  a greater thermodynamic s t a b i l i t y  compared t o  small 
par t ic les ,  then l a t e r  dissolve away. . 

Par t ic le  dissolution under stress.- Curves of pa r t i c l e  dissolution 
under s t r e s s  a re  quali tatively similar t o  those shown fo r  unstressed 
al loys i n  figure 2. For particulate alloys i n  a single-phase f ie ld ,  
it w a s  expected tha t  the e f fec t  of s t r e s s  would be t o  accelerate dis-  
solution, but not t o  re tard the dissolution. However, under a s t r e s s  
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of 200 psi more precipi ta te  w a s  found than i n  unstressed al loys a t  com- 
parable times and a t  the higher temperatures. An increase i n  the amount 
of precipitate under s t r e s s  has been observed before ( r e f s .  3 and 9) but 
not i n  a single-phase f i e l d .  
ceeding under increasing creep s t ra in ,  the l a t t e r  w a s  used as a variable 
t o  t r y  t o  explain what w a s  happening. 

Since pa r t i c l e  dissolution w a s  a l so  pro- 

A t  the top of figure 5 ,  the pa r t i c l e  volume i n  3-percent-copper 
a l loys under a stress of 200 p s i  i s  plot ted versus creep s t r a in .  
the temperature range of 500° t o  >TO0 C, the data conform w e l l  t o  one 
curve 

The 

Over 

drawn through a l l  the points.  The pa r t i c l e  spacings fo r  these W 
1 
1 
9 

al loys also follow the same pa t te rn  when plot ted against s t r a in .  
implication i n  t h i s  s t r a i n  dependence i s  tha t  the amount of prec ip i ta te  
a t  any strain i s  a function of both the  temperature and the t i m e  required 
t o  reach that  s t r a in .  
explain the apparently anomalous r e su l t s  mentioned above using t i m e  alone 
as the variable. 

This type of functional dependence would then 

To t e s t  t h i s  idea it i s  necessary t o  demonstrate a time-temperature 
The lower par t  of figure 5 shows dependence of the dissolution process. 

the resul ts  obtained, without stress and with an applied stress of 
200 ps i ,  when the  volume fract ion of pa r t i c l e s  dissolved i s  plot ted 
against T ( C  + log t ) ,  where T i s  the absolute temperature, t i s  the 
t i m e ,  and C i s  a constant. If the volume fract ion i s  a function of 
t i m e  and temperature i n  one case and a function of s t r a i n  i n  another, 
then the s t ra in  must be some function of t i m e  and temperature. 

A t  different stresses a family of curves similar t o  tha t  given i n  
figure 5 (upper) should ex i s t ,  and these are shown i n  figure 6 fo r  a 
temperature of 500° C .  
the e a r l y  s t ra ins ,  then levels  o f f .  
not necessarily due t o  experimental sca t te r ,  since par t ic les  below the 
l i m i t  of resolution could be detected a f t e r  t h e i r  coalescence. An inter-  
es t ing aspect of the three curves l i es  i n  t h e i r  approximate constancy 
between s t ra ins  of about 7 t o  27 percent. A t  larger s t ra ins ,  of course, 
the amount of precipi ta te  should decrease t o  zero; however, some kind 
of dynamic equilibrium appears t o  have been set up i n  which a conserva- 
t ion  of precipitate volume i s  maintained. 
precipitate level" i s  plot ted against s t r e s s ,  the curve inserted within 
figure 6 ensues. 
200 p s i  i s  necessary t o  maintain t h i s  metastable condition. An inspec- 
t i on  of the creep curves for  stresses of 500 and 800 p s i  reveals that 
s t ra ins  of 7 t o  27 percent correspond t o  the region where viscous creep 
behavior predominates. Thus, the metastable prec ip i ta te  l eve l  may be 
associated w i t h  a mechanism of stress-induced migration of vacancies 
believed t o  be operative during second-stage creep. 

The volume of precipi ta te  decreases sharply w i t h  
The highest value fo r  800 ps i  i s  

I f  t h i s  so-called "metastable 

This curve reveals t ha t  a c r i t i c a l  stress of more than 

. 
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If such i s  t h e  case the features of the curves shown i n  figure 6 
One i s  the may be explained on the basis of two opposing tendencies. 

tendency t o  dissolve par t ic les  by the interchange of solute atoms a t  
the precipi ta te  surface with vacancies, as proposed by Hyam and Nutting 
i n  reference 10. The other i s  the tendency t o  growth of preexistent 
voids by vacancy condensation ( re f .  11). The steep drop i n  volume of 
precipi ta te  a t  early s t ra ins  corresponds t o  a high r a t e  of generation 
of vacancies ( i . e . ,  a high creep rate).  The leveling off r e s u l t s  from 
a constant r a t e  of generation of vacancies (steady creep rate),  which 
condense preferent ia l ly  a t  voids due t o  the difference i n  act ivat ion 
energies involved. When the creep rate increases i n  the t h i r d  stage, 
suff ic ient  vacancies are  generated t o  s a t i s e  both the growth of voids 
and the dissolution of par t ic les ,  and the volume fract ion of pa r t i c l e s  
should decrease. 
s t resses  can be explained i n  the same terms. The steady-state creep 
r a t e  w i l l  be attained sooner a t  the higher s t ress ,  thus leaving more 
prec ip i ta te  undissolved when the metastable precipi ta te  period i s  
reached. It appears tha t  the brief explanation offered above can sat- 
i s fac tor i ly  explain the observed behavior i n  terms of presently accept- 
able concepts; however, the explanation i s  qual i ta t ive and needs fur ther  
exploration and ver i f icat ion before it can be said t o  r e s t  on a firm 
foundation. 

The higher level of metastable precipi ta te  a t  greater 

When the data for  pa r t i c l e  dissolution under s t r e s s  a re  plot ted as 
i n  figure 3, similar curves a re  obtained. A comparison of the curves 
for  3-percent-copper alloys,  w i t h  and without s t ress ,  reveals no e f fec t  
of s t r e s s  a t  500° C .  
the stressed al loy l i e  below those fo r  the unstressed s t a t e .  The slopes 
a l so  increase more with temperature for  the stressed s ta te ,  but detai led 
calculations appear unwarranted since the slopes are  not too well defined. 
The e f fec t  of increased s t r e s s  a t  constant temperature i s  merely t o  
increase the leve l  of the curves, for  example, the slopes appear equal 
f o r  s t resses  of 200, 500, and 800 p s i  a t  500° C with overaged 3-percent- 
copper a l loys.  

However, a t  S O o  and 570' C, the curves representing 

Par t ic le  strengthening a t  room temperature.- The purpose of t h i s  
phase of the investigation was t o  fur ther  test particle-strengthening 
e f f ec t s  i n  alloys with par t ic le  spacings near 50 microns. This c r i t i c a l  
spacing was found previously ( re f .  2) t o  correspond t o  a minimum i n  the 
psrticle-strengthening curve for spherical  par t ic les .  A finding of t h i s  
nature was deemed important enough t o  be given further experimental 
ver i f icat ion.  

A s  was described previously i n  the section en t i t l ed  "Background," 
X-ray measurements gave the composition of the matrix; the strength of 
the single-phase alloy corresponding t o  t h i s  measured composition w a s  
determined from a suitable curve; and the particle-strengthening incre- 
ment was then determined as  the difference between the measured strength 
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and the matrix strength. 
alloys includes a l l  the strengthening ef fec ts  associated with the par- 
t i c l e s ,  such as coherency s t ra ins ,  loca l  composition gradients, in te r -  
action effects,  and so  forth,  the proposed technique lumps a l l  contri- 
butions t o  strengthening, other than matrix strengthening, under pa r t i c l e  
strengthening. 

Since the overall  measured strength of the 

The plot i n  figure 7 includes the single-phase strength curve from 
which the matrix strengths were obtained. The data were collected from 
several sources, so the best  values fo r  the curve were determined from 
another plot tha t  could account for  vmiat ions i n  s t r a i n  r a t e .  It i s  
seen tha t  a l l  overaged alloys are  weaker than those given an additional 
15 minutes dissolution treatment, and tha t  the single-phase alloys are  
strongest. Thus, the tens i le  strengths of these overaged alloys r i s e  
as dissolution proceeds, then approach a leve l  value. It i s  noteworthy 
tha t  the same sequence of strength levels  i s  found i n  these alloys when 
creep tested a t  TOO0 C under a s t r e s s  of 2,400 ps i  ( r e f .  2 ) .  Evidence 
of t h i s  s o r t  serves t o  emphasize the importance of the matrix- 
strengthening contribution i n  par t iculate  alloys w i t h  large incoherent 
par t ic les .  

The particle-strengthening curve (derived as described above) fo r  

Par t ic le  spacings extend out t o  about 9 0  microns; 
spherical par t ic les  i n  aluminum-copper alloys a t  room temperature i s  
shown i n  figure 8. 
therefore, a broad range i s  covered. Qualitatively, the resu l t s  are 
i n  accord with those obtained previously. A t  the smallest spacings 
there i s  the customary decrease i n  strengthening as the spacings widen. 
The c r i t i c a l  spacing f a l l s  between 25 and 45 microns, and a sharp peak 
occurs a t  spacings near 75 microns. Thereafter, the strengthening incre- 
ment decreases as  the spacings become wider. 
a l loy would consist of matrix only, and the particle-strengthening incre- 
ment would become zero. 

A t  i n f in i t e  spacing the 

The discrepancies between the curve i n  figure 8 and the or iginal  
curve obtained previously ( r e f .  2) a re  more apparent than r e a l .  
main difference l i e s  i n  the sharp peak a t  75 microns i n  figure 8 since 
t h i s  was not observed before. However, there were no data points between 
about 50 and 200 microns, so t h i s  new peak was missed en t i re ly .  On the 
whole, the  old points and the new combine very sa t i s fac tor i ly  about the 
new curve given i n  figure 8, except t ha t  the c r i t i c a l  spacing i s  probably 
between 25 and 45 microns. 

The 

Of course, the major question raised by t h i s  pmticle-strengthening 
curve concerns the reason for  the large strengthening increase near 
75 microns. It i s  axiomatic i n  almost a l l  theories of strength that the 
strength of al loys increases as the pa r t i c l e  spacings become f ine r .  
Between the  c r i t i c a l  and the peak spacings, however, the strengthening 
increment increases. Previous experimental work upon which theory i s  
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based failed to show an upswing in strength, probably because the criti- 
cal spacing was not exceeded. 
were made to separate solution-strengthening effects from particle- 
strengthening effects. 
carbides in plain carbon steel) that the concentration of the matrix 
varies as the particle sizes and spacings are modified. 

Another point is that no effective attempts 

Yet, it is inevitable (e.g., during tempering of 

The role of structural features other than particles must also be 
reexamined from the standpoint of their ability to obstruct slip. For 
example, the efficacy of the grain boundary as an obstacle to slip has 
been demonstrated in several investigations. 
posed a quantitative relationship between hardness and the grain diameter. 
In reference 13 it was shown that tensile strength versus particle spacing 
in steels does not correlate linearly until grain boundaries are included 
in the count with particles. 
boundaries were counted to obtain a ''spacing" in ferrite. 
Ball (ref. 15) has demonstrated an increase in the flow stress of aluminum 
with decreasing size of the subgrains. Significantly enough his relation- 
ship has the same form as that suggested by Hall, that is, strength (or 
hardness) varies inversely as the square root of the subgrain (or grain) 
size. 
of tempered plain carbon steels depended on the ferrite grain size. 

H a l l  (ref. 12) has pro- 

In reference 14 both inclusions and grain 
Furthermore, 

Finally, Hyam and Nutting (ref. 10) concluded that the hardness 

On the basis of evidence such as has been advanced above, it seems 
that boundaries have appreciable strengthening potentialities. Thus, it 
is possible that the increased strengthening effect found in aluminum- 
copper alloys with particle spacings near 75 microns can be explained 
by the presence of subgrains. Subgrains were not specifically identi- 
fied, although an unusual "lineage" effect on a subgranular scale was 
noted in overaged, solution-treated, and etched alloys of aluminum with 
1 to 4 percent copper. 
density of which increased with the copper content, characterized by a 
remarkable straightness, broken only by abrupt 90° turns as they zig- 
zagged away from the grain boundaries and particle interfaces. 

1 
The effect consisted of a pattern of lines, the 

If subgrains are responsible for these patterns, then increased 
subgrain formation results from particle dissolution since the copper 
content in the matrix increases. With the optimum combination of par- 
ticle spacings and subgrain size, a maximum in strengthening is achieved. 
As the particle spacings increase, the curve falls off, and finally, if 
subgrains are all that remain, a positive strengthening value should 
persist even at infinite particle spacing. These possibilities have not 
been investigated systematically yet, but it will be necessary before 
more definite conclusions can be drawn. 

'About 4 hours in a xylene solution. 
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An al ternat ive t o  the idea proposed above i s  suggested by the dis- 
solution method used t o  obtain the various p a r t i c l e  spacings. It i s  
possible that  a wave of copper atoms diffusing outwardly from the  par- 
t i c l e s  creates a larger  spherical volume with a r e l a t ive ly  high copper 
content. T h i s  i s  suggested by a f e w  fuzzy halos observed i n  etched 
al loys around t h e  p a r t i a l l y  dissolved pa r t i c l e s .  
might then be obtained by a greater  volume of strained material, or by 
the decreased f ree  path between these high-copper vol-ues .  However, the 
pa r t i c l e  spacings i n  these cases were so  enormous, r e l a t ive ly  speaking, 
t h a t  it i s  hard t o  conceive of any s ignif icant  decrease i n  the in te r -  
pa r t i c l e  path by th i s  process. Furthermore, both X-ray and electron- 
microscope evidence ( r e f .  2) denied the presence of such concentration 
gradients as w e l l  as submicroscopic pa r t i c l e s .  Therefore, a t  the  present 
stage of the investigation, the subgrain idea appears more acceptable. 
The r ea l i t y  of the strengthening peak a t  75 microns does seem t o  be estab- 
l ished; what remains t o  be done i s  t o  demonstrate the reasons f o r  i t s  
existence. Those cases reported i n  the l i terature where the coarser 
pa r t i c l e  spacing w a s  associated with a stronger a l loy  may be due t o  the 
increase i n  strengthening between the c r i t i c a l  and peak spacings. 

Increased strengthening 
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Grain Growth 

Grain growth without applied s t ress . -  Reference t o  figure 1 reveals 
the temperatures where isothermal grain growth was studied i n  aluminum- 
copper alloys w i t h  1, 2, 3 ,  and 4 percent copper. 
extended from 420' t o  ?&lo C f o r  the a l loys  and from 350' t o  600' C f o r  
pure aluminum ( r e f .  16 ) .  The data f o r  aluminum are  not s t r i c t l y  appli- 
cable t o  the present study because the s t a r t i n g  material w a s  the cold- 
ro l l ed  alloy. 
grain size.  
grain growth and does not include an incubation t i m e ,  recrystal l izat ion 
t i m e ,  or the growth t i m e  necessary t o  get  the i n i t i a l  grain s i ze .  
of the preliminary heat treatments used t o  obtain the desired i n i t i a l  
grain sizes have been given i n  table 11. For convenience, the  data f o r  
grain growth without an applied stress w i l l  be considered f irst ,  then 
the resu l t s  fo r  grain growth w i t h  stress. 

The temperatures 

Here, the a l loys  were f i r s t  heat-treated t o  a de f in i t e  
In  t h i s  way the time variable applies only t o  time for  

Details 

Satisfactory l i nea r  p lo t s  were usually obtained with the grain- 
growth data when log (gra in  diameter) w a s  p lot ted versus log (growth 
t i m e ) .  
aluminum-copper a l loys a t  540' C are offered i n  f igure 9, and the t e m -  
perature dependence of grain growth i n  2-percent-copper a l loys  i s  given 
i n  figure 10. In  figure 9 the data points are plot ted only for  the 
3-percent-copper a l loys because of the closeness of the other curves. 
The scat ter  of points about the s t r a igh t  l i n e  i s  representative of t h a t  
fo r  the other alloys,  however. 

Examples of the compositional var ia t ion of grain growth i n  



A straight l i n e  f i t s  the data points fo r  these alloys sat isfac-  
t o r i l y  over a 3- or 4-cycle range i n  t i m e .  Thus, the equation proposed - by Beck e t  a l .  (ref. 16), 

D = k tn  ( 2 )  

where D i s  the average grain diameter, t i s  the time, and k and 
n are  constants, appears t o  describe the data. The def ini t ion of the 
time, as used here, d i f f e r s  from the convention adopted by Beck e t  a l . ,  
i n  that  it represents t i m e  for  grain growth only. 
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The slopes of the grain-growth curves n are plot ted versus recip- 
rocal  temperature i n  figure 11. The curves approach l inear i ty  a t  the 
lower temperatures but seem t o  curve downward a t  higher temperatures. 
Only i n  the case of the 4-percent-copper alloy, a t  i t s  solidus tempera- 

ture,  does the value of n closely approach The number 1 w a s  derived E' 2 
by Beck e t  a l .  on t h e  basis  that  the  grain-boundary energy i s  responsible 
fo r  grain growth. 
these have been discussed t o  some extent by Burke and Turnbull ( re f .  17). 

It i s  obvious that other factors  a re  operative, and 

L 

The nonuniform posit ion of the curve fo r  the 2-percent-copper alloys 
represents a retardation of growth rates over a wide temperature range. 
This can be seen more clearly i n  the "contour" p lo t  constructed i n  f ig-  
ure 12. 
of the aluminum-copper phase diagram. 
the v ic in i ty  of the 2-percent-copper composition and break the smooth 
continuity of the curves. It can be seen that these bulges correspond 
t o  a retardation of growth r a t e  because, for  the same n-value,.a rela- 
t ive ly  higher temperature i s  necessary f o r  2-percent-copper alloys than 
fo r  adjacent a l loys.  

Curves of equal n-values are plot ted i n  the aluminum-rich portion 
Concave downward bulges appear i n  

T h i s  behavior i s  believed t o  be related t o  other abnormal strength- 
ening and retardation e f fec ts  observed i n  th i s  system near 2 percent 
copper. 
ground" for  2-percent-copper alloys near 30O0 C .  The re la t ive  creep 
resistance i n  alloys undergoing precipitation a t  t h i s  composition and 
temperature w a s  a l so  greater.  An increase i n  the room-temperature ten- 
s i l e  strengths a re  shown for  quenched 2-percent-copper alloys i n  figure 7. 
Figures 9, 11, and 12 a l so  reveal anomalous grain-growth behavior i n  the 
same al loy i n  the single-phase region. 
rationalized t o  some extent. In  general, retardation of the r a t e  of a 
reaction may be due t o  e i ther  a lower r a t e  of nucleation or a lower r a t e  
of growth, or both. On the basis of w h a t  i s  now known, it is  believed 
tha t  the rate of growth i s  responsible for  the retardation e f fec ts  i n  
a l loys w i t h  compositions near 2 percent copper. The f i r s t  item of evi- 
dence t o  t h i s  e f fec t  i s  tha t  t h e  par t ic le  spacings i n  overaged 2-percent- 
copper alloys are l e s s  than i n  overaged 1-, 3-, or 4-percent-copper alloys 

An area of retarded age hardening was described i n  the "Back- 

These observations may now be 
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( r e f .  2 ) .  
par t ic les ,  so the r a t e  of nucleation i s  greater, i f  anything, than i n  
the other a l loys.  Thus, a re la t ive ly  slower r a t e  of growth must be the - 
overall  rate-determining factor .  
r a t e s  i n  aluminum-copper alloys i n  the single-phase region. Here, it 
i s  shown direct ly  tha t  the 2-percent-copper alloys exhibit  a marked 
retardation i n  growth ra tes  r e l a t ive  t o  the other a l loys.  

A smaller par t ic le  spacing i s  associated w i t h  more numerous 

The other item concerns the growth 

For the processes of two-phase precipi ta t ion and single-phase grain 
growth, it seem credible tha t  the retardation i n  ra tes  i s  due t o  a 
re la t ive  decrease i n  the r a t e  of growth. I f  growth i n  both cases i s  
dependent on the movement of vacancies, t h i s  would require an activation 
energy for self-diffusion. Hyam and Nutting, reference 10, have pre- 
sented some support fo r  t h i s  idea i n  the case of par t ic le  growth and 
grain growth i n  plain carbon s t ee l s .  Activation energies for  both proc- 
esses i n  aluminum-copper alloys a l so  appear t o  f i t  t h i s  explanation, 
but d i f f i cu l t i e s  i n  defining the act ivat ion energy cloud the issue.  
This matter w i l l  be discussed more thoroughly l a t e r .  

Another possibi l i ty  for  explaining the anomalous e f fec ts  i n  a l loys 
near 2 percent copper (about 0.86 atomic percent copper) i s  tha t  com- 
pound or ordering tendencies a re  present. For an al loy w i t h  a cgmposi- 
t i on  of 0.833 atomic percent copper, a combination of 1 copper atom with 
ll9 aluminum atoms is  required. Compound formation i n  such d i lu te  con- 
centrations i s  v i r tua l ly  unknown, so perhaps ordering tendencies a re  
operative. Many unusual e f fec ts  have been noted i n  single-phase al loys 
( r e f s .  18 and 19) so t h i s  poss ib i l i ty  must not be completely discounted. 

In a study of the r a t e s  of precipi ta t ion i n  gold-nickel alloys 
( r e f .  8), areas of retardation similar t o  those reported here were found. 
The diffusion ( r e f .  20) and thermodynamic ( r e f .  21) properties were also 
available for  t h i s  system. A d r a s t i c  decrease i n  the diffusion r a t e s  
was related t o  the lower thermodynamic driving force fo r  diffusion which, 
i n  turn,  coincided with the areas of retardation for  precipi ta t ion and 
precipitate growth. The importance of such findings t o  the present study 
l i e s  i n  the possibi l i ty  of explaining and understanding these retardation 
phenomena, especially with regard t o  the enhanced creep properties t ha t  
a re  obtalned. 

Returning t o  figure 11, if the n-values are  plot ted fo r  the various 
al loys a t  constant temperature, a smoothly ascending curve i s  obtained 
except for a dip a t  the 2-percent-copper a l loy.  
can be seen i n  the grain-growth data for  an aluminum al loy with about 
0.7 percent manganese, investigated by Beck, Holzworth, and Sperry 
( r e f .  22); however, no such ef fec t  i s  found by Demer and Beck ( r e f .  23) 
i n  alloys of aluminum w i t h  up t o  2 percent magnesium. It would be 
extremely interest ing from the standpoint of the ideas discussed above 
i f  the strength of these al loys were known. Additional experimental 

A similar dip i n  n-values 
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confirmation of a relationship between areas of re tardat ion and an 
increase i n  strength properties i s  h ighly  desirable from both a theo- 
r e t i c a l  and prac t ica l  point of view. 

Variations i n  i n i t i a l  grain size.- In  order t o  gain some insight 
in to  the e f fec ts  of i n i t i a l  grain size on subsequent grain growth, grain 
s izes  of ASTM -3, +I, and +3 were produced i n  3-percent-copper a l loys.  2 
Details of the heat treatments have been given i n  table  11. 
were made a t  50O0, %Oo, and 570' C, and conformity t o  l inear  behavior 
was found similar t o  tha t  depicted in figure 10. A l s o ,  the slopes 
increased regularly w i t h  increasing temperature for  any one i n i t i a l  
grain s ize .  

Growth runs 

When the grain-growth curves are compared a t  the same temperature, 
a d i r ec t  sequence w i t h  the i n t i a l  grain s i z e s  i s  not obtained. The 
curves presented i n  figure 13 show the large grain s ize  of the -3 al loys 
essent ia l ly  unchanged, the +1 alloys having the steepest  slope, and the 
+3 alloys occupying an intermediate posit ion.  
the +3 alloy sheet was only 0 . 0 9  inch, compared w i t h  0.125 inch for  the 
other alloys, it was thought t h a t  the "specimen-thickness effect ' '  demon- 
strated by Beck e t  al .  ( re f .  16) may have been operative here. However, 
t h i s  e f fec t  does not seem applicable because no f la t tening of the +3 alloy 
curve was noted, and because the largest  grain s izes  a t ta ined were well 
below the sheet thickness. 
were the nonconformists, and that longer t i m e s  or higher temperatures 
were needed, even though the grain s ize  w a s  about one-half the thiclmess 
of the sheet. Nevertheless, it should be noted t h a t  the slopes n vary 
inversely w i t h  the grain s ize  a t  some intermediate time. 

Since the thickness of 

Rather, it would appear t h a t  the -3 alloys 

Since the -3 alloys are so  insensitive over the growth times and 
temgeratures investigated, only the +1 and +3 alloys w i l l  be compared. 
In  a l l  cases, the curves fo r  the +3 al loy l i e  well above the curves for  
the +1 alloy, as would be expected. On the other hand, the +1 al loys 
have steeper slopes than the  +3 alloys. 
can very possibly be traced t o  differences i n  the incubation times neces- 
sary for  grain growth t o  start. A l inear  extrapolation of the growth 
curves back t o  the i n i t i a l  grain sizes gives about 0.1 minute fo r  the 
+3 al loy and about 3 minutes fo r  the +1 al loy.  When grain growth f ina l ly  
s t a r t s  i n  the +1 alloys, the g ra in  s ize  i s  much smaller than t h a t  already 
reached i n  the +3 alloys, so the growth r a t e  i s  greater.  These findings 
point up the need fo r  considering both the incubation time as  well as 
the growth rate ,  when deciding on the maximum grain s ize  allowable i n  an 
a l loy .  

T h i s  ra ther  unexpected behavior 

From a prac t ica l  standpoint, the findings may be summarized as  fol-  
(1) In alloys w i t h  a very large i n i t i a l  grain s ize  (ASTM -3) no lows: 

2For convenience, these alloys w i l l  be referred t o  hereafter as -3, 
+1, o r  +3 alloys,  respectively. 
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appreciable grain growth occurred during a 200-minute period, even a t  
temperatures up t o  about 20° C below the solidus; (2) i n  alloys w i t h  a 
medium-large i n i t i a l  grain s ize  (ASTM +1) the grain s ize  during grain 
growth was l e s s  and the growth r a t e  w a s  greater than i n  alloys w i t h  a 
f iner  grain size; (3)  i n  alloys with a very f ine  i n i t i a l  grain s ize  
(ASTM +3) rapid grain growth occurred a t  early times, then growth pro- 
ceeded a t  a rate more typical  of a larger grain size; (4) an incubation 
period f o r  grain growth was greater, the larger the in i t ia l  grain s ize .  

Grain growth i n  par t iculate  alloys.-  The bottom curve i n  figure 13, 
labeled "Overaged," depicts grain growth a t  500° C i n  an alloy tha t  was 

c 
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heavily overaged before tes t ing .  The data points for  the two-phase alloys 1 
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are  a l so  described by a s t ra ight  l i ne .  The i n i t i a l  grain s ize  was very 
small, about 0.03-mm diameter. An interest ing point here i s  that  the 
slope of the grain-growth curve i s  nearly the same as the +1 alloy curve. 
In an'alloy w i t h  par t ic les ,  the ra te  of grain growth would be expected 
t o  be less than that i n  a sol id  solution, even a t  temperatures i n  the 
single-phase region. 

The l inear  increase i n  grain s ize  (on log-log coordinates) i s  some- 
what surprising because over half the precipi ta te  i s  dissolved within the 
f i r s t  minute (see f i g .  2)  and a l inear  r a t e  of dissolution i s  not .achieved 
u n t i l  a f te r  10 minutes. Furthermore, the pa r t i c l e  spacings r i s e  quite 
gradually up t o  70 minutes, then increase dras t ica l ly  (see f i g .  4 ) .  
pa r t i c l e  radius was computed fo r  these alloys by an expression due 
t o  Fullman ( r e f .  24) for  uniform spherical par t ic les .  It i s  

- 
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where f, is the volume fract ion of par t ic les ,  and NL i s  the number 
of par t ic les  intersected per millimeter by a s t ra ight  l i n e .  
upward break was a l so  obtained a t  70 minutes when 
time. Apparently, the increase i n  spacing and increase i n  par t ic le  
radius a re  so proportioned that a steady r a t e  of dissolution r e su l t s  
( a f t e r  10 minutes). 
grain s i z e  is inversely related t o  the volume of precipi ta te  ( a f t e r  
10 minutes) ra ther  than t o  the par t ic le  radius or spacing. 

A sharp 
r was plotted versus 

Based on t h i s  evidence, it i s  suggested that the 

A t  early dissolution times ( l e s s  than 10 minutes), the grain s ize  
appears t o  be controlled by the par t ic le  radius, i n  l i n e  with a sugges- 
t i o n  of Zener's, quoted by Smith ( r e f .  23). Based on grain-boundary 
energy considerations, he derived the expression 

R Z Z F  
4 fv  (4) 

r e l a t ing  R the radius of the grain t o  r the radius of the par t ic le ,  
and f v  the volume fraction of par t ic les .  Adherence t o  the approximate 
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equality expressed i n  equation (4) was obtained only for  times up t o  

10 minutes but with a slope of about - 3 A t  greater times the grain s i z e  7' 
gradually became l e s s  than t h a t  predicted by Zener's relationship.  
Apparently, equation (4)  is  valid only fo r  grain growth i n  the presence 
of smaller par t ic les  (up t o  10 minutes) and under conditions of greater 
pa r t i c l e  s t a b i l i t y .  

In  addition t o  the experiment described above, that is, grain growth 
i n  an overaged alloy i n  the single-phase region, a study w a s  made of 
grain growth i n  a single-phase alloy at  a temperature within the two- 
phase region. 
460° C fo r  times up t o  460 minutes, but during th i s  period no detectable 
grain growth occurred. 
below the solvus temperature, an increasing amount of precipi ta te  was 
seen, both within the grains and along the grain boundaries. 
( r e f .  22) ,  studied the e f fec ts  of par t ic les  i n  aluminum-mnganese al loys 
on grain growth and reported a complete cessation of growth a t  tempera- 
tures  j u s t  below the solvus. 
grain growth within the two-phase field, whether par t ic les  are present 
i n i t i a l l y  or not since grain growth i s  inhibited i n  e i ther  case. This  
behavior shows tha t  the effectiveness of the very ear ly  precipi ta te  i n  
inhibi t ing grain growth is  on a par with t h a t  of overaged par t ic les .  

Single-phase alloys of 3 percent copper were held a t  

Even thoughthis  temperature i s  only about 5 O  C 

Beck e t  al .  

It appears immaterial, f o r  the case of 

Grain growth under s t ress . -  A study of the e f fec ts  of an applied 
s t r e s s  on grain growth was a lso  undertaken. 
positions, temperatures, and stresses involved. An i n i t i a l  grain s ize  
of ASTM +1 was employed for  a l l  alloys, w i t h  additional grain s izes  of 
ASTM -3 and +3 fo r  the 3-percent-copper a l loys.  
variables, stress and i n i t i a l  g r a i n  s ize ,  are added t o  composition, 
temperature, and growth rate. 

Figure 1 documents the  com- 

Thus, two additional 

Figure 14 summarizes much of the grain-growth data obtained w i t h  
an applied s t r e s s .  In the plot on the lef t ,  the slope n i s  plot ted 
versus applied s t ress ,  w i t h  two variables held constant. On the right, 
the slope n i s  plotted versus temperature, w i t h  only composition held 
constant. 
s t ress ,  for  a l l  compositions, is  t o  raise the value of n. The curve 
for  aluminum i s  unknown, however, a rapid increase would be expected. 
A t  zero s t r e s s  the r a t e  increases l inear ly  w i t h  composition, except for  
a dip a t  2 percent copper. 
a t  2 percent copper. Various aspects of th i s  retardation behavior have 
been discussed previously for  unstressed alloys.  The e f fec t  seems t o  
pe r s i s t  even i n  the presence of an applied s t r e s s .  
i n  growth r a t e  w i t h  s t r e s s  decreases regularly w i t h  increasing copper 
content of the alloys; tha t  is, the  applied stress increases the growth 
rate less i n  the stronger alloys.  There i s  a l so  a h in t  t h a t  some curves 

The p lo t  a t  the l e f t  shows that the e f fec t  of an applied 

A t  200 p s i  there i s  a l so  a minimum i n  r a t e  

The average increase 
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are  flattening out, so s t resses  greater than 200 p s i  may not cause 
appreciable change i n  growth r a t e s .  

The e f fec ts  of temperature on the slope n are  shown at the r igh t ,  
for  stresses of 0 and 200 psi ,  and fo r  the three in i t ia l  grain s izes .  
In a l l  three cases the e f fec t  of temperature i s  t o  increase the n-values; 
the effect  of stress i s  t o  r a i se  the level  of the unstressed al loy curve. 
Here again, as  fo r  the unstressed alloys, the +1 alloys have the highest 
values of 
ently,  the applied s t ress  does not a l t e r  the re la t ive  length of the incu- 
bation periods. The e f fec t  of stress on the temperature dependence of 

and greatest  for  the +1 alloys.  This observation may be summarized by 

n, and the +3 alloys f a l l  i n  the intermediate posit ion.  Appar- 
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n i s  very slight for  the -3 alloys,  a l i t t l e  greater fo r  the +3 alloys,  

the 
varies directly w i t h  the magnitude of n. This finding i s  of i n t e re s t  
because it indicates tha t  the ini t ia l  grain s ize  may not always be the 
best cr i ter ion for  cer ta in  aspects of elevated-temperature performance. 

statement that the temperature dependence of the growth slope n 

s 
Activation energies.- Various attempts were made t o  determine the 

activation energies involved i n  the grain growth of these al loys.  
as Beck, Holzworth, and Hu ( r e f .  26) found with aluminum, no unique ac t i -  
vation energy could be determined for  the alloys,  because the temperature 
dependence of the true growth rate (dD/dt) varies w i t h  the grain s ize .  
Thus, depending on the grain s ize  selected, different  values of activa- 
t i on  energy are  obtained. For example, i n  aluminum, the act ivat ion 
energy determined a t  a grain s ize  of 0.5 mm equals about 60 kcal/mol, 
and f o r  a grain s ize  of 1.0 mmthe act ivat ion energy i s  roughly 
80 kcal/mol . 

Jus t  
* 

Curves of t rue growth rate versus grain diameter a re  plotted for  
2-percent-copper alloys a t  various temperatures i n  figure 15. 
are  described f a i r l y  well by straight l ines ,  and the change i n  slope 
w i t h  temperature agrees qual i ta t ively w i t h  the behavior noted by Beck 
e t  a l .  ( r e f .  26) ,  for  aluminum. 
check the val idi ty  of equation (2), since it predicts a l inear  var ia t ion 
of log(dD/dt) and log(D), as indicated by the equation i n  figure 15. 
Beck e t  al.,  have used such curves t o  point out the dependence of the 
t rue  growth r a t e  on the instantaneous grain s i z e .  On the other hand, 
it can also be said that  the t rue growth r a t e  depends on the growth time, 
since equation (2)  can be rearranged t o  give the equation entered i n  
figure 16. A l inear  re la t ion  i s  predicted between log(dD/dt) and 
log( t )  and does occur, as  demonstrated by the plot  i n  figure 16. 
question of whether the l a t t e r  curve can be used t o  obtain a more meaning- 
f u l  activation e n e r a  i s  brought up l a t e r .  

The data 

A plo t  of t h i s  type a l so  serves t o  

The 

. 
The validity of equation (2)  for  describing grain growth appears 

t o  be w e l l  established, yet there a re  some aspects of the growth process 
which have not been examined. The reasons for  the lack of parallelism 
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among the curves of figure 15, and among similar curves fo r  aluminum, 
for  example, are  unknown. 
act ivat ion energy for  recrystal l izat ion of aluminum decreased a t  higher 
temperatures and the same observation can be made f o r  grain growth. On 
the other hand, i n  70-30 brass (ref. 2 7 ) ,  the l ines  are  pa ra l l e l  over a 
wide temperature range, so a unique value of act ivat ion energy can be 
obtained. 
only a t  temperatures below about one-half of the melting point.  

of about - usually gives the temperature separating low-temperature from 

high-temperature behavior. 
pure metals and somewhat higher for  alloys. T h i s  l i n e  of reasoning may 
explain why an activation energy can be obtained i n  70-30 brass a t  tem- 
perature approaching TOO0 C, and no unique act ivat ion energy for  aluminum 
a t  temperatures above 350° C .  

Burke and Turnbull ( r e f .  17) noted tha t  the 

It i s  possible tha t  unique activation energies a re  obtained 
A factor  

1 
2 

However, t h i s  factor  i s  somewhat lower fo r  

Since the growth process is  dependent on both time and temperature, 
it i s  logical  t o  apply a function of time and temperature t o  growth data.  
Time-temperature parameters obtained by rearranging the Arrhenius r a t e  
expression have been used rather  successfully for  grain growth ( r e f s .  28 
and 2 9 ) .  The form of parameter P employed here i s  

P = T(C + log t) ( 5 )  

where T i s  the absolute temperature, t i s  the time, and C i s  a 
constant. The same function was used previously for  describing pa r t i c l e  
dissolution (see f i g .  5 ) .  
value fo r  C (e.g., 20) the best  value for  each alloy w a s  determined 
from the data. 
merit i n  other applications ( r e f .  30) as  well. A f'urther advantage of 
t h i s  kind of p lo t  i s  tha t  data obtained over a wide range of times and 
temperatures can be reduced t o  a single curve. This procedure reveals 
the re la t ive  accuracy of the data, and permits a more re l iab le  activa- 
t i on  energy t o  be computed. 

Instead of a rb i t r a r i l y  selecting a constant 

This procedure has been shown t o  possess considerable 

Activation energies for  grain growth were computed from the parameter 
p lo ts  fo r  aluminum and the four alloys with copper. Since the parameter 
values, and thus the activation energies, vary with grain size,  the same 
ambiguity a r i s e s  as mentioned before. However, for  comparative purposes, 
act ivat ion energies for  a grain s i z e  of 0.5 mm are  plotted versus composi- 
t ion  i n  figure 17. 
growth-rate p lo ts  ( so l id  l i ne )  agree quali tatively with each other. A 
maximum i n  activation energy occurs a t  3 percent copper, and a minimum 
a t  1 percent copper, with the highest value for  aluminum. This large 
value of act ivat ion energy for gra in  growth i n  aluminum i s  puzzling, 
although a temperature dependence of the act ivat ion energy fo r  recrystal-  
l i za t ion  i n  aluminum was noted ( re f .  17). 
the activation energy for  self-diffusion, about 33 kcal/mol, would be 

The l a t t e r  values (dashed l i ne )  and those from true 

A value more closely approaching 
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expected. Several other values of act ivat ion energy a re  indicated fo r  
aluminum. 
( r e f .  17) reportedly obtained from reference 16. 
a value of about 60 kcal/mol f o r  a grain s ize  of 0.5 mm, while a 
further calculation with t h e i r  data gave an act ivat ion energy of about 
80 kcal/mol fo r  a grain s i ze  of 1 .O mm. About 78 kcal/mol was obtained 
by using the time required t o  obtain a grain s i ze  of 0.3 mm. This wide 
range of values indicates  the vagueness associated with the term "act i -  
vation energy'' fo r  grain growth i n  aluminum. 

These include Burke and Turnbull's value of 87 kcal/mol 
The la t ter  gave 

The points marked along the 3-percent-copper ordinate include the 
activation energies f o r  grain growth under a stress of 200 p s i .  
values represent about a 40 t o  70 percent reduction of the act ivat ion 
energies fo r  grain growth without 
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These 

s t r e s s .  The two so l id  c i r c l e s  repre- 
sent activation energies f o r  pa r t i c l e  dissolution a t  s t resses  of zero 
and 200 psi ,  from the t i m e  f o r  96 percent dissolution. 
of 200 p s i  decreases the activation energy f o r  dissolution from 70 t o  

t i o n  energies f o r  grain growth. It i s  noteworthy that  the activation 
energy of 66.5 kcal/mol f o r  pa r t i c l e  dissolution i s  so close t o  the 
68 kcal/mol recorded fo r  grain growth i n  aluminum (both obtained from 
parameter p l o t s ) .  This coincidence lends credence t o  the postulate 
( r e f .  10) t h a t  grain growth and pa r t i c l e  dissolution are both governed 
by the same process, and thus tha t  the act ivat ion energies a re  equal. 
Unfortunately, only r e l a t ive  values a re  involved here, so  further con- 
nection with the act ivat ion energy f o r  self-diffusion i n  aluminum i s  
not possible. 

An applied s t r e s s  

40 kcal/mol, which i s  about the same decrease experienced i n  the activa- 0 

A major inconsistency wi th  the previous r e s u l t s  appears i n  the two 
curves of r e l a t i v e  act ivat ion energy i n  f igure 17. The retardation 
e f f ec t s  discussed before w i t h  the 2-percent-copper a l loys  would require 
a re la t ive ly  high activation energy. In  these curves, the activation 
energy for 2 percent copper i s  r e l a t ive ly  low. 
a l i t t l e  more closely resulted i n  the dot-dash curve depicted a t  the 
bottom of figure 17. 
obtained from the slopes n of the grain-growth curves. Since n does 
not have the dimensions of a rate, it i s  not s t r i c t l y  correct t o  c a l l  
the temperature dependence of i t s  slope an act ivat ion energy. However, 
the n-values are probably more indicative of the t rue  r e l a t ive  grain- 
growth behavior than other parameters which are calculated from them. 
Figure 9, f o r  example, reveals that  the slope of the grain-growth curve 
f o r  2-percent-copper a l loys i s  lower than would be expected. F r o m  f ig-  
ure 11 it can be seen t h a t  the slope of the 2-percent-copper a l loy  curve 
is a l so  out of l i n e .  The trends from these data are ref lected i n  the 
lowest curve shown i n  figure 17. 
the largest  activation energy (based on the upper l i m i t  of the experi- 
mental scatter). 
t rue  s ta te  of a f f a i r s  than the other two activation-energy curves. It 

Looking i n t o  t h i s  matter 

The activation energies calculated there  were 

Now, the 2-percent-copper alloys possess 

T h i s  curve i s  f e l t  t o  be more representative of the 
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may be appropriate at t h i s  time t o  suggest a new method for  calculating 
act ivat ion energies, since the resul ts  appear t o  f i t  i n  w i t h  the lowest 
curve. 
r a t e  (instead of being based on the true growth r a t e  a t  some constant 
grain s ize) ,  may eliminate some of the ambiguities noted i n  the other 
methods of calculation. 

Activation energies based on the time for  a constant t rue growth 

Precipitation and Gra in  Growth During Creep 

In  order t o  investigate the combined processes of grain growth, 
pa r t i c l e  dissolution, and precipitation under s t ress ,  exploratory t e s t s  
were conducted with overaged 3-percent-copper specimens a t  300° C and 
2,400 ps i .  Interrupted creep t e s t s  gave f ive  specimens crept t o  suc- 
cessively longer times before the load was released and the specimens 
were water quenched. 
f igure 18. Since individual specimens were used for  each point along 
the creep curve, an e f for t  was made t o  insure the i r  uniformity before 
tes t ing .  Creep s t ra ins ,  grain sizes, and heating-rate curves were 
obtained, as well as  the volume fraction of precipi ta te .  The variation 
i n  amount of both the coarse and the f ine precipi ta te  w a s  measured by 
l i nea l  analysis, and the par t ic le  density was obtained by counting par- 
t i c l e s  per uni t  area.  

The pertinent data are  depicted graphically i n  

The course of the measured grain-size curve,is quali tatively a 
mirror image of the t o t a l  volume of precipitate curve. 
nection between grain s ize  and volume of precipi ta te  w a s  noted previously 
i n  the case of grain growth i n  a particulate a l loy.  
calculated according t o  Zener ' s expression (eq. (4) ) , using par t ic le  
r ad i i  computed from the equations of Fullman (eq. (3 ) ) .  
good correspondence between the measured and calculated grain s izes  i s  
obtained, considering the various simplifications inherent i n  the calcula- 
t ions .  
y s i s  of the important factors governing grain growth i n  par t iculate  alloys 
i s  essent ia l ly  correct. The generality of equation (4), i n  that  it does 
not appear dependent on changes i n  composition, par t ic le  spacings, dis- 
t r ibut ions,  s t ra in ,  e tc . ,  should help considerably t o  simplify a complex 
s t a t e  of a f f a i r s .  

A similar con- 

Grain s izes  were 

A surprisingly 

On the basis  of these limited data, it appears t ha t  Zener's anal- 

The curve for  t o t a l  volume of precipitate versus time appears strange 
a t  f i r s t  glance, but may be rationalized by consideration of the processes 
taking place\Guring creep. The f i r s t  tendency i n  these overaged al loys 
i s  t o  increase the volume of precipitate because the equilibrium amount 
i s  greater a t  the lower t e s t  temperature. An increase i n  the amount of 
precipi ta te  would be expected for  another reason. 
have shown quantitatively i n  figure 10 of reference 10, the larger par- 
t i c l e s  increase i n  s ize  and the smaller par t ic les  decrease a t  early tem- 
pering times. Thus, f ine par t ic les  originally below the l i m i t  of 

A s  Hyam and Nutting 
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resolution of the optical equipment can be measured when reprecipitated 
on the larger particles, and the volume fraction appears to increase. 

Furthermore, this same tendency for smaller particles to dissolve 
and the larger particles to get larger is reflected in the behavior shown 
at 10 minutes. During further creep, readjustments in the precipitate 
gradually result in an approach to a steady-state condition - at least 
during secondary creep. 
this balance may be disturbed in such a way that the amount of precipitate 
rises. 
unreasonable an event, especially if the stress is increasing as is the 
case in a constant-load test. This state of affairs may be due to either 
stress-induced precipitation in amounts greater than predicted by the 
phase diagram (ref. 3 ) ,  o r  to the increase associated with higher stress 
which was shown previously (see fig. 6) . 

A s  the third stage of creep is entered, however, 

The increase in amount of precipitate at 45 minutes is not too 

The validity of the above line of reasoning should be subjected to 
further experimental testing at different temperatures and stresses. 
Further work might be designed to prove or disprove theoretical analyses 
of the effects of stress on diffusion and deformation in metals, such as 
was offered by Hillert, reference 31.  Clarification of the complex 
situation arising in particulate alloys during high-temperature creep 
should be possible. The close agreement obtained between the theoretical 
and measured grain sizes is an encouraging step in this direction. 

RlkLIIv6 AND CONCLUSIONS 

Particle Dissolution 

The kinetic expression y = 1 -exp(-t/k)" where y is the fraction 
dissolved, t is the time, k and n are constants, describes the 
course of dissolution in overaged alloys of aluminum and copper, either 
with or without an applied stress. 
in 3-percent-copper alloys decreases f r o m  70 kcal/mol without stress to 
40 kcal/mol for a stress of 200 psi. 

The activation energy for dissolution 

More precipitate was found at equal times with an applied stress 
than without. 
cated that the fraction dissolved depended primarily on the strain, 
rather than on the individual times or temperatures involved in reaching 
that strain. The implication of this strain dependence is that the 
amount of precipitate at any strain is a function of both the time and 
temperature required to reach that strain. 

An analysis of dissolution as a function of strain indi- 

During strains corresponding to viscous creep behavior, a metastable 
level of precipitate is maintained; also, the greater the stress, the 
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more the amount of precipi ta te .  
i s  advanced which appears t o  account for  the important features of these 
curves. It i s  based on two competing processes, the dissolution of par- 
t i c l e s  by a vacancy mechanism, and the growth of voids by the precipita- 
t i on  of vacancies. 

A tentative explanation of t h i s  behavior 

The particle-strengthening increment due t o  spherical par t ic les  i s  
seen t o  give a m a x i m u m  a t  spacings near 75 microns, and a minimum near 
35 microns. 
i s  believed t o  account for  the peak found near 75 microns. 

An optimum combination of subgrain s ize  and pa r t i c l e  spacings 

Grain Growth 

The equation proposed for  g ra in  growth by Beck e t  a l .  ( r e f .  16), 
D = ktn,  where D i s  the grain diameter, t is  the time, and k and 
n 
an applied s t r e s s .  
from about 60 kcal/mol without s t ress  t o  about 30 kcal/mol for  a s t r e s s  
of 200 ps i  i n  3-percent-copper alloys. 
perature, i s  t o  increase n, the slope of the grain growth curve, 

are  constants, sa t i s fac tor i ly  applies t o  grain growth with or without 
Relative activation energies fo r  grain growth decrease 

The ef fec t  of stress, and of tem- 

The re la t ive  activation energy for  grain growth i n  aluminum i s  close 
t o  t h a t  for par t ic le  dissolution i n  3-percent-copper alloys,  suggesting 
t h a t  both processes are  governed by the same rate-controll ing process. 
The ambiguity i n  activation energies found with these alloys prevents 
evaluation of the vacancy mechanism suggested by Hyam and Nutting 
( r e f .  10). 

Contours of equal n-values, when superimposed on the phase diagram, 
reveal a retardation of growth rates  i n  2-percent-copper a l loys.  T h i s  
corresponds with a previously determined retardation i n  the r a t e  of age 
hardening and a re la t ive  increase i n  creep resistance.  The behavior i s  
a t t r ibu ted  t o  a decreased growth rate of par t ic les  both during age 
hardening without s t r e s s  and precipitation under creep conditions. 

The e f fec ts  of i n i t i a l  grain size on grain growth were examined i n  
3-percent-copper alloys annealed t o  a very large, a medium, and a f ine  
grain s ize .  
growth occurred i n  alloys with the very large grain s ize .  
grain size,  but lower growth r a t e  was obtained i n  the alloys with very 
f ine  grain size,  compared t o  the alloy with a medium grain s ize .  
ference i n  incubation periods before growth appears t o  be responsible 
for  the l a t t e r  behavior. 

Even up t o  20° below the solidus, no appreciable grain 
A greater 

A d i f -  
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Precipitation and Grain Growth During Creep 

Overaged aluminum 3-percent-copper alloys were crept a t  300' C and 

A t  
2,400 psi .  Lineal analysis gave the volume of both f ine  and coarse pre- 
c ip i ta te ,  and the grain s izes  and creep s t ra ins  were a l so  obtained. 
early times, the volume of smaller par t ic les  decreased while that  of the 
larger  par t ic les  increased. The volume of both the large and small pre- 
c ip i ta tes  increased a t  longer times and larger s t ra ins  i n  accordance 
with 
r ad i i  
p a r t i  

the trend expected a t  higher s t resses .  
, grain s izes  were computed according t o  Zener's expression re la t ing  

Using calculated par t ic le  

cle radius and grain s ize .  Close agreement w a s  obtained between the 
theoretical  and measured grain s izes  i n  these alloys undergoing creep, 
precipitation, and grain growth. 1 
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Bat te l le  Memorial Ins t i tu te ,  

Columbus, Ohio, August 15, 1958. 
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Nominal 
compos it i on, 

weight percent 
copper 

Chemical 
analysis, 

weight per cent 
copper 

2.07 
2.04 

TABLF: I .- SPECTROGRAF'HIC AND CHEMICAL ANALYSIS 

OF ALUMINUM-COPPER ALLOYS 

Spectrographic analysis, 
1 PI 

Fe Pb M g  

1.0 bnd 0.99 
1.04 
1.05 
1.04 

20 20 1 

bnd bnd 1 .o 

1 .o 

20 

3 3 -05 
3.08 
2.95 
3.14 

20 bnd bnd 

4 4.03 
4.07 
4.14 
4.11 

20 bnd 20 1 .o 

S i  pickup possible from the electrode. a 

bnd = not detected (<20 ppm). 



n. 
-I 
-I 
I 
3 

* 

Nominal 
composition, 

weight per cent 
copper 

1 

2 

3 

. 

Grain size Final cold Specimen 
reduction, thickness, Min (a) Temperature, 

OC 
ASTM mm percent in. 

50 0.125 112 540 1 0.213 

40 .125 1 540 1 .213 

20 * 125 200 540 -3 -833 

TA%E 11.- €EAT TREATMENT AND PROCEDURES FOR 

OBTAINING INI!J!IAL W I N  SIZES 

1 20 
42.5 

4 10 

.125 3 540 1 .213 

.ogo 112 470 3 . lo> 

.125 6 540 1 .213 

aAverage grain diameter calculated from number of grain-boundary 
intercepts per unit length of random traverses across microstructure. 
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TABLE 111.- CREEP DATA FOR ALLOY OF 3 PERCENT COPPEX 

OVERACXD AT 390' C 

Cime, Strain, 
min percent 

0 ---- 

5 0.85 

10 1.38 

Total 
volume of 
precipitate, 
per cent 

1.95 

2.28 

2.86 

2.16 

1.47 

2.85 

3Oo0 C and 2,400 psi  

Grain Particle Volume of Volume of 

particles, particles, 
per cent per cent 

fine large diameter, radius, 
mm m 

1.93 0 *35 .0316 0.0178 

1.61 1.25 .0276 .0207 

1.88 .28 -0357 .0169 

1.11 .36 .0455 .0278 

1.57 1.28 .0394 .0214 

, 
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Lat t ice  Time, Dissolution 
temperature, parameter, 

OC min A.U. 

TABLFi V.- LATTICE PARAMETERS OF ALUMINUM-COPPER AILOYS 

Copper 
content, 

weight percent 

AS A FUNCTION OF DISSOLUTION TIME 

470 0 4.0464 +_ 0.001 
1/2 4.0468 +- .0008 

10 4.0437 +_ .0006 
40 4.0442 +- .oo1 

3 4.0453 f .0006 

1 . 3  
1.1 
1.8 
2.5 
2.3 

35 
60 

120 

510 0 
1/2 

1 
2-1/2 

5 

4 .&TO k 0.0007 
4.0489 f .0005 
4.0467 k .0006 
4.0459 +- ,0007 
4.0445 +_ .001 

4.0451 f 0.0005 
4.0446 k .om3 
4.0451.f .0005 
4.0442 k .0008 
4.0435 f ,0007 

1.1 

1.2 
1.5 
2.2 

25 

I 

3 per cent copper 
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TABLE VI.- GRAIN DIAMETERS WITHOUT STRESS 

AND SLOPES n FOR ASTM +1 - Continued 

(b) 2 percent copper 

460' C 

C i m e  , 
min 

0 
20 
60 
90 

130 
220 
400 

Diameter, 
mm 

0.191 
.243 
.368 
.435 
.405 
.480 
.464 

n = 0.180 

Time, 
min 

500° c 

0 
10 
20 
40 
64 

106 
215 

Diameter, 
mm 

0.159 
.344 
.441 
.474 
.564 
.540 
.862 

n = 0.233 

5 

Time, 
min 

0 
15 
30 
60 
90 

120 
165 

0 
.6 
7 

18 
40 
75 
110 

3 
3 -7  

5 
7 

10 

oo c 
Diameter, 

m 

0 .l% 
.504 
,689 
.688 
* 930 
.822 
.a67 

* 279 
-179 
.382 
.475 
-529 
595 

* 992 

.348 
* 379 
* 370 
.433 
.497 

n = 0.291 

5800 c 
Time, 
min 

0 
10 
20 
30 
50 
75 
100 

Dime ter  , 
mm 

0.145 
-649 
.850 
.825 

1.21 
1.25 
1.43 

n = 0.380 
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TABm VI.- GRAIN DIAMETERS WITHOUT STRESS 

AND SLOPES n FOR ASTM +1 - Continued 

( c )  3 percent copper 

r i m e ,  
min 

460° C 

0 
15 
40 
80 

140 

460 
245 

Diameter , 
mm 

0.202 
.226 
.189 
.182 
.210 
.212 

n = 0.071 

5000 c 
Time, 

min 

0 
10 
25 
50 

102 
140 
214 

Dime t e r  , 
mm 

~~ 

0 *273 
-390 
,532 
.619 

1.01 
1.07 

1.011 

n = 0.316-0.355 

Time, 
min 

0 
8 

20 
45 
85 

120 

2 *5 
4 
6 

10 
15 

8 
20 
45 
85 

120 

480 
990 

L,200 
L,440 
2,880 

5400 c 

Dime t e r  , 
mm 

0.208 
.283 

.521 

.736 

.167 

.296 

9 334 
* 390 

.417 

.741 

,274 

.283 
,417 

.741 

.521 

.736 

1.40 
1 *77 
1-75 
2.46 
3 -30 

n = 0.394 

Time, 
min 

0 
10 
20 
40 
60 
90 

570° c 
Diameter, 

mm 

0.258 
.826 - 705 
-900 

1.53 
1.36 

n = 0.423-0.502 
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TABLE VI.- GRAIN DIAMETERS WITHOUT STRESS 

AND SLOPES n FOR ASTM +1 - Concluded 

(d) 4 percent copper 

520° c 
~ 

Time, 
min 

0 
15 
30 
60 
90 

130 
180 

Diameter, 
mm 

0.219 
.217 
.315 
.442 
-595 
-595 

,624 

n = 0.419 

5400 c 
Time, 
min 

0 
10 
22 
60 

105 
150 

7 
10 
14 
20 

5.33 
10 
22 
60 

105 
150 

Diameter, 
mm 

0.094 
.200 
.382 
.650 
.621 
.%3 

.23 

.26 

.268 

.3% 

.20 

.20 

.38 
* 65 
.62 
.86 

n = 0.442 

560° c 
Time, 
min 

0 
10 
20 
40 
60 
100 
140 

Diameter, 
mm 

0 . 2 ~ 5  
.325 
.390 
.668 
.660 
.906 

-752 

n = 0.457-0.501 
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500° c 

Time, Diameter, 
min mm 

* 

540° C 570° c 

Time, Diameter, Time,  Diameter, 
min mm min mm 

TABLE VI1.- GRAIN DIAMETERS WITHOUT S m S S  

0 
10 
20 
40 
80 
180 
300 

t 

1.52 0 1.58 0 1.31 
1.36 10 1.30 10 1.50 
1.71 20 1.44 20 1.26 
1.58 40 1.53 40 1.51 
1.53 80 1.18 70 1.39 
1.73 130 2.19 120 1.59 
1.51 200 1-57 180 1.65 

AND SLOPES n FOR AS!FM +3 AND ASTM -3 

n = 0.0 n = 0.046 n = 0.0624 

0 
2 
5 

10 
20 
40 
80 

120 
200 

0.270 
.458 
.538 
.666 
.910 
,803 
.893 

1.228 

1.34 

n = 0.175 

0 
4 
8 

15 
30 
60 
100 
200 

0 
10 
20 
45 
85 
100 

0.224 
.733 

1.06 
.848 

1.245 
1.267 
1.27 
1.68 

.320 

.847 
1.230 
1.345 
1.882 
1.515 

n = 0.204 

0 
1 
3 
7 

15 
30 
60 
100 
200 

0.292 
.455 
.700 
-970 
.961 

1.29 

1.48 

5-55 

2 035 

n = 0.212 
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90'  C; 85 p s i  

Time, Diameter, Strain,  
min m percent 

0 -0.14 ---- 
25 .473 1.43 
50 1.10 1.60 

173 1.52 1.96 
1.92 4 3 2  678 

1,107 3.57 9 -70 

n = 0.459 

. 

~ o O  C; 200 p s i  

Time, Diameter, Strain,  
min m percent 

0 -0.14 ---e- 

10 .272 1.48 
20 0598 1.85 
40 -925 4.95 
60 1.19 5.65 

1.616 32.2 152 
193 

1.195 33.6 

n = 0.552 

TABLE VII1.- GRAIN DIAMETERS WITH STRESS 

$0' C; 85 p s i  540' C; 140 p s i  

AND SLOPES n FOR ASTM +1 

540° c; 200 p s i  

Strain,  
per cent 

---- 
1.8 
3 - 5  
7 -1 

12.3 
37.3 

I 

(b) 2 percent copper 

200 
505 

1,320 

-0.26 ---- 0 
.347 1.44 25 
.6g4 1.62 30 

1.10 1.7 105 
1.34 1.8 171 
1.47 3.0 402 
2.68 6.5 1,413 

n = 0.344 

Diameter, 
m 

-0.24 

1.10 

1.22 
1.82 
2.60 

.419 

915 

Strain,  
percent 

---- 
1.5 
1.9 
3 .o 
4 .O 

' 9.0 
35.3 

Time, 
min 

0 
25 
50 

100 
175 
367. 

Diameter, 

-0.24 

1.125 
1.076 

n = 0.387 I n = 0.371 
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540' C; 200 p s i  

TABLE VII1.- GRAIN DIAMETERS WITH STRESS 

AND SLOPES n FOR AS"M +1 - Concluded 

9 0 0  c; 200 p s i  570' C; 200 p s i  

Time , 
min 

0 
25 
56 

100 
335 

1,440 

Xameter, 
mm percent 

Time , 
min 

0 
22 
40 
80 

190 
423 

Diameter , 
mm 

-0.28 
357 

.635 

.781 

1.625 
1.241 

4 .O 
10.2 95 

Diameter, 
mm 

-0.28 
0435 
.699 
970 

1.26 
1.42 

Stra in ,  
percent 

---- 
2.1 
3.1 
5.9 

12.7 
24 .O 

I 
n = 0.418-0.495 I n = 0.442-0.519 

(d)  4 percent copper 

I 5400 c; 200 p s i  

Time, Diameter, S t ra in ,  I min 1 mm 1 percent 1 
I 0 I -0.20 I ---- - I  L! 433 

.240 

.400 
-719 
.788 

1.122 

1.8 I 
6.8 
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r i m e ,  Diameter, S t ra in ,  
min mm per cent 

TABLE M . -  GRAIN DIAMETERS WITH S m S S  AND 

SLOPES n FOR AS'I'M +3 AND AS'I'M -3 

Time,  Diameter, S t ra in ,  Time, Diameter, S t ra in ,  
min mm percent min m per cent 

500" C; 200 p s i  I 540' C; 200 p s i  I 570' C; 200 p s i  

2.13 

9-50 
18.97 

5.42 

~ 28.47 

n = 0.250 

-0.12 I ----- 

n = 0.264 

.526 .838 1 1*36 1.39 

- 1.4 o -1.5 
2.09 2.19 30 1.52 
1.51 3.63 60 1.98 
2.10 6.46 100 2.23 
2.25 9.89 148 2.15 
3.41 18.55 235 2.40 

1.125 

n = 0.226 

3.53 
7.79 
11.94 
19.01 
32.37 

percent copper (ASTM +3) 

o 
50 

loo 
150 
411 

1,381 

204 
536 

0 
1.62 1.68 34 
1.53 2.29 62 
1.57 3.14 112 
2.25 8.15 220 
2.49 21.13 466 

-1.5 ---e- 

-0 -13 
.768 
1.18 
1.47 

2.25 
1.58 

n = 0.143 

1-73 
3.22 
5.39 
13 *92 
45.84 

n = 0.147 

I 

I 

0 
24 
40 
70 
120 
185 

I 

-0 .14 

1.20 
1.44 
1.65 
1 .eo 

.962 

3 percent copper (ASTM -3) 
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Temperature, 
OC 

TABLE X.- PARTICLE DISSOLUTION DATA WITHOUT S W S S  

Volume of Grain 
Time, precipi ta te ,  Spacings, s ize ,  

percent mm min mm 

415 0 1.38 0 .o25 
2 1.18 .0281 
5 .780 - 0352 

20 .830 -0925 
10 .m9 .0724 

35 .563 .log 
60 .279 .181 

120 *392 .194 

470 

510 0 
5 

12 
20 
35 
60 

120 

500 

3.77 0.0142 
1.13 .533 

.55 .691 

.310 1.28 

.395 1.36 

.230 2.48 

.045 I 4.44 

540 

570 

3 
10 
15 
25 
40 
60 

120 

0 
1 
3 
5 

10 
15 
25 
40 
55 
70 
90 

120 

1 
3 
5 

1 
2 
4 

- 

1.95 
.89 
-78 
,576 
.236 
297 

.252 

.282 

.114 

.lo2 
-045 
.015 

(0.065) 

.083 
-0953 

0.174 
.052 
.0093 

o .117 
.215 . la1 
.335 
-369 

( .240) 
.587 

-~ 

0 -035 
.206 
.265 
.335 
.a40 
.a40 
- 952 

1.42 
2 *95 
3.54 

11.5 
49.5 

(8.47) 
7 . i o  
8.13 

2.67 
7 -30 

77 -0 

0 - 137 
.0168 
.0172 
-0352 
-05% 
* 0758 
.128 
.129 

~ 

0.0308 
.127 
-189 
.202 
.278 - 323 
.408 
.467 
-725 
.6& 
.543 
* 715 

------ 
0.70 

.48 

.59 

.5a 
1 .oo 
1.11 
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15 0.264 1.57 

66 
80 
100 

.128 

.051 

.loo 

8 
20 
34 
46 
60 

0 *295 0.329 
.243 .685 
.128 1.34 
.112 1.81 
.loo I 3.20 

TABLE XI.- PARTICLE DISSOLUTION DATA WITH ST!€ESS 

Pa r t i c l e  
spacing, 

mm 

Strain,  
percent 

Volume of 
prec ip i ta te ,  

percent 
Time, 

min 
Temperature, 

OC 

Stress ,  
p s i  

3 percent copper overaged a t  390’ C 

200 1.53 
1.59 
1.67 
1.86 

2.36 
1.94 

500 
.170 2.15 

45 30 I .084 I 4.23 
3.37 
7-86 
4.63 

500 2 .o 
5 .o 
8.8 
10.7 
21.7 

800 3 
6 
10 
14 
18.3 

2.21 
1.37 
.216 
-177 
.214 

1.2 
1.8 
5 -5 
13.2 
27 .o 

~~ 

1.7 
1 . 9  
2.8 
2.9 

1.5 
2.1 
2 -7 

200 10 
20 
30 
40 

o .0736 
.1270 
.0236 
.o 

540 

570 
I I 
I I 

200 0 -275 1.35 
10 I (.oO14) I 80.0 

1 I 



45 

L 

n 
-I 
-I 

I 
5 

c 

700 

600 

500 

400 0 

E 
e 

I-" 300 

3 + 

a 

E" 

200 

I O 0  

0 

Single-phase solid solution ! 
200  e? 

f 

8 5  
140 
200 

f 
0 

0 
0 

/ 

200 

200 

200 

/ 
R 4  

0 
0 

2400 

\ 
2 00 

/ 
0 -  + 

I 
I 

Overagii 
tempera, 

Two -phase region 

Fr;m Beck,; al.(&) 1 1 

I 
res 

0 

0 I 2 3 4 5 6 

Copper, weight per cent 

Figure 1.- Aluminum-copper phase diagram showing compositions tested and . heat treated. 
psi. 

Numbers to left of symbols represent stresses used in 



46 

c c al 
V 

ki a 
(u 

0 
+ 
.I- .- 
a 

L 
._ 
0 

a 
0 
Q, 

+ 

- E, 
8 

10.0 

I .o 

0. I 

0.01 

0.001 

Figure 2.- Dissolution of precipitate particles in Al-3Cu alloys in 
single-phase region, without stress. 

1 _-  

3 

. 



47 

L 

m 
rl 

A- I - 601 
I 



48 

L 

80 

70 

60 

E 
E 

50 .- 
0 
0 a 

i 
0 a 

20 

IO 

0 

X 

570 C 

'540 C 
I 
t 
f 

1 100 
Dissolution T i m e ,  minutes 

150 

0 
I- 

I- 
I 

8 

Figure 4.- Change in particle spacing as a function of dissolution time 
f o r  Al-3Cu alloys at various single-phase temperatures, without 
stress. . 

. 



7W 49 

Creep Strain, per cent 

Legend 

o 500 C 
A 540 C 
+ 570 C 

z -. 

\ 
\ 

\ 
\ 
\ 
\ 

\ I \ pc f :polpsi 
+ 

A 

IO 15 5 
T ( C t l o q t 1  103, T = K ;  t=minutes 
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time-temperature parameter, in overaged A1-3Cu alloys. 
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Figure 11.- Slope of curves of grain growth without applied s t r e s s  as a 
function of reciprocal temperature for ahminun-copper alloys.  
I n i t i a l  grain size:  ASTM 1. 
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grain size: ASP4 1. 

Initial 



8W 
d 

57 

I 

I o 
I 

I 
01 

I 

I 
I 

TI 

c 

cn 
0 

c 
0 

.- e 
- 
.- 
c .- 
.- 

c 3 

2 

u) 
Q, 

3 
C 

c 

.- 
E 

.- E 
I- 

3 

(3 

f 
2 



58 

- E  cn 

0 

b 
I x (4 , 0 

0 
d 
In 

I \  
0 

h! 
0 

C 
I- 

t- 

I- 
L 



59 

+ 

0 V 
0 
l% 

- 
9 
0 

- 
0 
8 

-9 
3 
0 

d 
9 

k 
t - 
0 
rl 
rl 
aJ 

3 u 

2 
k 
0 
k 

E k  
E a ,  

c 
0 
d 
-9 

c i  
(d 

3 
a, 
-9 
aJ 
k 



60 

J 

- 
I c 
c 
Y 
c 
II 

k 
0 
k 

8 .  f + v  



9w 
4 

61 

cn 
r i  
rl 

I 
3 

IO( 

9( 

8( 

7( 

- 
0 

\ 
E 
- 

6C 
Y 

a- 

k 5c 
>f 
0 

C 
W 

C 
0 .- 

4- 

. -  2 4c 
4- 
0 
Q 

3c 

20 

I O  

0 

I 
of particles from- 

time for 96 'lo dissolution 

I 

Copper, weight per cent 
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Figure 18.- Precipi ta t ion and gra in  growth during creep of  overaged 
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